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Microstructure and solidification behavior in rapid quenching (i.e., gas-atomized powders
and melt-spun ribbons) of superalloy have been compared with bulk undercooled
superalloy. The application of a molten salt denucleating technique combined with thermal
cycle enables such investigation over a wide range of undercooling up to 210 K. The
microstructure formation has been discussed for both methods of solidification with
respect to undercooling, nucleation, and recalescence as well as recrystallization during
post-recalescence. Comparison of the observed microstructure and morphologies indicates
that the melt-spun ribbons and the gas-atomized powders with cooling rate above
104 K sec−1 crystallize only after achieving a large degree of undercooling, which becomes
higher and higher with the increase of cooling rate. Furthermore, it should be noted that,
grain refinements, which play a decisive role in the undercooled as-solidified structure,
however, result from different sources in the rapid quenching process.
C© 2001 Kluwer Academic Publishers

1. Introduction
Nowadays, rapid solidification (RS) has become an im-
portant technique for producing novel alloys of metal-
lic, intermetallic and ceramic materials. Laser surface
treatment, melt atomization and melt spinning, as well
as planar flow castings are the main representatives of
modern RS-processes [1]. The understanding of mi-
crostructure formation under the RS-conditions has
therefore become a major issue in solidification the-
ory. With the advent of rapid solidification technolo-
gies, ultra-rapid quenching (e.g. melt-atomization or
melt spinning) has become a subject of considerable
interest in the development of aircraft structure and
engines. For the control of solidification with respect
to grain refinement or microsegregation-free crystal-
lization, it is necessary to understand how the rapid
quenched microstructure evolves, and how it depends
on processing conditions. In this respect, the depart-
ment of Materials science of ONERA [2] launched
a research program on rapid quenching of superalloy.
The first objective is to asses the possible benefit that
could arise from rapid quenching of nickel-base super-
alloy and its possible application to disc and turbine
blades.

Nevertheless, the direct application of rapid quench-
ing processing is applicable only in such small volume
components as gas-atomized powders or melt-spun rib-
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bons, bot not suitable for the preparation of three-
dimensional bulk products. The rapid solidification pro-
cessing of highly bulk undercooled melt is of a notable
advantage that it is not restricted by the sample size [3].
Three-dimensional bulk amorphous [4], metastable [5]
and refined microstructure [6] can be obtained by adopt-
ing this technique. With slowly cooled bulk under-
cooled samples, the rapid crystallization of undercooled
melts and the influence of undercooling on the result-
ing microstructures can be studied independent of ex-
ternal high-speed parameters. In melt spinning of crys-
talline ribbons and gas atomized powders, generally
only a cooling rate is regarded as responsible for mi-
crostructure formation. However, little attention has up
to now been paid to the degree of superalloy melt un-
dercooling prior to solidification and its influence on
growth rates and mechanism. Therefore, the difference
and the similarity in rapid solidification behavior and
microstructure formation between rapid quenching and
bulk undercooled superalloy melts deserve thorough
discussion.

The employment of molten salt covering, denucle-
ating and high frequency induction heating under the
protection of argon atmosphere enables substantial un-
dercooling of superalloy melt in the non-catalytic coat-
ing mold [7]. The possibility of determination and con-
trol of sample temperature allows a correlation between
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T ABL E I Nominal composition of the DD3 single crystal superalloy
[10]

Element Cr Al Ti W Co Mo Ni

Wt% 9.5 5.9 2.2 5.2 5 3.8 balance

undercooling and evolution of microstructures. The pa-
per presents the results of preliminary work carried out
in the state key laboratory of solidification process-
ing at Northwestern Polytechnical University (N. P. U.)
[8]. The aim of this work is to compare the solidifica-
tion behavior and microstructure of gas-atomized and
melt-spun superalloy [4] with the slowly undercooled
samples.

2. Experimental procedure
Commercial DD3 single crystal superalloy (Table I)
was chosen in the bulk undercooling experiment, which
was established by the application of molten salt cov-
ering, denucleating and high frequency induction heat-
ing under the protection of argon atmosphere. Prior to
melting, the surfaces of the metal charges were cleaned
mechanically by grinding off the surface oxide layer
and chemically by etching in HCl solution diluted by
alcohol. When beginning experiment, the alloy charges
were placed in a cleaned and dried non-catalytic coating
mold [7], and covered with a 5 mm layer of salt gran-
ules. Then the mold was sealed, evacuated and sub-
sequently back-filled with 99.999% argon gas. Each
sample was melted, superheated, solidified and subse-
quently remelted in superheating-cooling cycles, am-
ing at obtaining large undercoolings. Here, this non-
catalytic coating mold is a kind of shell mold (composed
of 79 SiO2, 18 ZrO2, and 3 B2O3, wt%), over whose
inner surface a glass coating with the same composition
is deposited. It was found in the experiment that, this
coating mold can keep amorphous or less-crystalline
at high temperature for a long time, and consequently,
prevent premature nucleation of superalloy melt in con-
tact with it, indicating an ideal non-catalytic nucleation
inhibition for DD3 single crystal superalloy [7]. Af-
ter experiment, the composition analysis, performed in
the inner surface of coating mold and alloy samples
achieved, clarified that no chemical reaction occurred
between the alloy melt and the mold materials and the
salt granules. So the composition of the resultant as-
solidified specimens was taken to be the same as the
original composition. The thermal behavior of samples
was monitored by an infrared pyrometer with an abso-
lute accuracy, relative accuracy, and response time of
less than 10 K, 3 K, and 5 ms, respectively [9]. The cool-
ing curve was calibrated with a standard PtRh30-PtRh6
thermal couple, which was encapsulated in a tube com-
posed of the same material as the non-catalytic coating
mold and then immersed into the melt in the identical
condition. The melting temperature and the undercool-
ing of the alloy in the cooling curves could be read after
the comparison with the absolute temperature recorded
by the standard thermal couple.

Each of the samples had a weight of 10–15 g and
a diameter of 8–12 mm, and was sectioned through
the triggering spot, then polished, and etched with an
aqueous solution of FeCl3 and HCl. Structure observa-
tion was carried out with optical microscope, scanning
electron microscopy (SEM) and transmission electron
microscopy (TEM), respectively.

3. Experimental results
3.1. Solidification microstructures

in gas-atomized powders and
melt-spun ribbons of Stellite 6
superalloy

Examination of polished and etched sections of embed-
ded Stellite 6 powders by SEM [2] showed that essen-
tially three distinct types of solidification microstruc-
tures were presented in classical gas-atomized powders
corresponding to various particle diameters. The finer
particles with diameters less than 50 µm, exhibited a
typical dendritic pattern, whereas the coarse fraction
of the atomization product (above 100 µm diameter)
presented an equiaxed microstructure. In addition, a
substantial fraction of the powders, less than 20 µm di-
ameter, exhibited a completely different type of struc-
ture that appeared to be cellular or microcrystalline,
depending largely on quenching conditions.

Furthermore, the typical solidification microstruc-
ture observed in a 30 µm thick melt-spun ribbon clearly
exhibited three distinct zones [2]: (1) a fairly feature-
less chill zone about 4–5 µm thick; (2) a columnar den-
dritic region usually extending across the major part of
the ribbon thickness (20 µm); (3) a randomly oriented
dendritic region 3 to 4 µm thick extending to the top
surface of the ribbon.

3.2. Undercooled solidification structure
of DD3 superalloy

Here, high undercooling up to 210 K has been achieved
in DD3 single crystal superalloy melt. The grain size
and typical microstructure at various undercooling are
shown in Figs 1, 2, and 3 respectively. The characteris-
tic undercooling �T1, �T2, �T3, �T4, �T5 and �T ∗

Figure 1 Variation of the grain size of DD3 single crystal superalloy
with undercooling.
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Figure 2 Microstructure evolution of DD3 single crystal superalloy at undercoolings of (a) 0 K, (b) 25 K, (c) 45 K, (d) 130 K, (e) 200 K.

is 25, 30, 70, 78, 150 and 180 K, respectively. Within
the achieved range of undercooling 0–210 K, solidi-
fication structure with undercooling could be classi-
fied as four categories. A typical branched dendritic
structure is seen in the case of non-undercooled sam-
ple (Fig. 2a). Then introducing a small undercool-
ing into the alloy promotes the formation of highly
branched dendrite (Fig. 2b) and enlarges the grain size
(Fig. 1). When �T > �T1, a substantial ripening of
the dendrites comes into being. For the sample nucle-
ated at �T2–�T3, the overall cross-section is occu-
pied by refined grains with a diameter of 50–70 µm
(see Figs 1, 2c and 3a), and then a further increase
of undercooling leads to the rise of grain size again
(Fig. 1). �T4 is defined as the characteristic undercool-
ing from which there are no obvious dendritic frag-
ments in the structure, and only several large crystals
are found. During �T4–�T5, the microstructure con-
sists of the developed fine dendrite (Fig. 2d). From
�T5, the grain size decreases abruptly (Fig. 1). When
�T > �T ∗, the overall structure is refined again, the
aforementioned dendritic structure is fully substituted
by equiaxed crystals with average grain size less than
50 µm (Figs 2e and 3b), in which many twins are found
(Fig. 2e).

4. Discussion
4.1. Various solidification microstructures

of DD3 single crystal superalloy with
respect to different undercooling range

4.1.1. Solidification characterization
of the DD3 single crystal superalloy

The constituents of DD3 single crystal superalloy,
shown in Table I, have been classified as solid solu-
tion and/or precipitate formers. Two phases, matrix
and strengthening phase predominantly exist in the
as-cast structure. It is also shown in reference [11]
that the Ni-Cr-Al-Mo system is of particular interest
in representing the equilibria among γ (nickel-rich
solid solution), γ ′ (based on Ni3Al) and σ phases,
and that the Ni-Cr-Al-Mo systems consist of single
γ−Ni (Al, Cr, Mo) phase above 800◦C, if having the
same Al, Cr, Mo content as that in DD3 single crys-
tal superalloy, respectively. Furthermore, Machlin and
Shao [12] have proposed the extension of the Ni-Cr-Al-
Mo quaternary to higher order alloys by adopting the
scheme of equivalents (Ni, Co, Fe) : Cr : (Al, Ti) : (Mo,
W, Nb, V, Ta, Hf). It then follows that similarity ex-
ists in the solidification characterization between the
Ni-Cr-Al-Mo system and DD3 single crystal superal-
loy, which can solidify as single γ phase in the rapid
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Figure 3 The morphologies of the refined structures of DD3 sin-
gle crystal superalloy (SEM): (a) �T = 50 K, (b) �T = 180 K, and
(c) �T = 210 K.

dendritic solidification process. The solidification pro-
cess of undercooled DD3 single crystal superalloy is
as follows. First, dendrites, are formed at the nucle-
ation point and grow rapidly through the mass of the
melt. They consist of γ phase (Ni alloyed with Al, Ti,
W, Mo, Co, Cr) [10]. Then the rapid release of heat
of fusion during dendrite growth results in rapid re-
calescence, with possible remelting of the dendrite net-
work. Finally, the remaining interdendritic liquid starts
to solidify onto the dendritic network at low melt un-
dercooling in post-recalescence. During the relatively
long duration of this final stage, diffusional coarsening
occurs, and γ /γ ′ eutectic (1 volume pct in the cross-
section of the sample) is formed between γ dendrites
[13]. During subsequent cooling, γ ′ precipitates within
the γ phase [14]. Without considering the effects of ele-
ment Ti, W, Co on the solidification behavior, the phys-
ical parameters of the Ni-Cr-Al-Mo (9.5%Cr, 5.9%Al,
3.8%Mo, wt%) γ phase, listed in Table II, are ren-
dered as the approximant of the DD3 single crystal
superalloy.

TABLE I I The physical parameters of ϒ solid solution [15, 16]

Parameter Symbol Units Values

Heat of fusion �Hf KJ mol−1 16
Specific heat C l

P J K−1 mol−1 40
Slope of liquidus m K (at%)−1 −4.1
Partition coefficient k0 0.81
Diffusion coefficient D m2 s−1 6 × 10−9

Thermal diffusivity α m2 s−1 6 × 10−6

Atomic spacing a0 m 3.2 × 10−10

Sound speed in V0 m · s−1 2000
liquid alloy

Interfacial energy σ J m2 0.43

4.1.2. The dendrite growth in the
undercooled DD3 single crystal
superalloy melt

The crystal growth in the undercooled melt is influ-
enced not only by thermal diffusion, solute diffusion
and liquid/solid interface tension, but also by the in-
terfacial attachment kinetics which becomes more and
more significant as the undercooling increases. As men-
tioned above, except for the constraint of the mold wall,
there are no other external factors imposed on the den-
dritic solidification, so the dendrite growth can still be
described by the theory of free dendrite growth. Ac-
cording to BCT model [17], the total undercooling at
the dendrite tip consists of four contributions.

�T = �Tt + �Tc + �Tr + �Tk (1)

where �Tt, �Tc, �Tr, and �Tk are the thermal under-
cooling, solute undercooling, curvature undercooling
and interfacial kinetic undercooling respectively. The
expression for each kind of undercooling can be found
in Ref. [17]. In addition, the solute concentration of the
liquid at the dendrite tip C∗

L, can be written as:

C∗
L = C0

1 − (1 − k)IV(PC)
(2)

where C0 is the nominal composition of the alloy,
IV(PC) is the Ivantsov function of the solute Peclet
number PC, and k is the growth velocity dependent non-
equilibrium solute partition coefficient that can be used
to evaluate the lever of solute trapping [18], a model de-
scribing the transition between solute equilibrium and
partition-less solidification, developed by Aziz.

k = k0 + V/VD

1 + V/VD
(3)

where VD = D/a0 is the solutal diffusion speed, V is
the advancing velocity of solid/liquid interface, and k0,
D, as well as a0 are the equilibrium solute partition
coefficient, the solute diffusivity, and the characteristic
length of solutal diffusion in the liquid alloy, respec-
tively. Using the foregoing equations and the physical
parameters of the DD3 single crystal superalloy [10]
listed in Table II, the undercooling contributions at dif-
ferent initial undercooling, the crystal growth velocity,
and the solute concentration of the liquid at the growing
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Figure 4 Undercooling contributions at the dendrite tip vs. initial un-
dercooling of the DD3 single crystal superalloy.

Figure 5 Dendrite growth velocity (a) and concentration of solute in
liquid (b), at the dendrite tip vs. initial undercooling of DD3 single
crystal superalloy.

dendrite tip can be calculated. The results are illustrated
in Figs 4 and 5. It is well known that [19], in single-
phase alloys, the condition of diffusional equilibrium is
gradually becoming less important with the increasing
of solidification velocity and undercooling in front of
the dendrite tip. Therefore, solute rejection is reduced
and solutal undercooling decreases as the interface con-
centration approaches the melt composition. This ul-
timately causes partition-less solidification, which is
solely controlled by thermal gradient. Here, for under-
cooling range less than �T2, the solutal undercooling
is much greater than the thermal undercooling, and the
dendrite growth is dominantly controlled by the solutal
diffusion (Fig. 4). As the undercooling continuously in-
creases, the effect of thermal diffusion on the dendrite
growth becomes strong. When �T > �T4, the thermal

undercooling is higher than the solutal undercooling
in front of the dendrite tip (Fig. 4). Solute diffusion is
replaced by the thermal diffusion to predominantly con-
trol the dendrite growth process, which indicates a tran-
sition from the equilibrium of a solidification controlled
by the solutal gradient to a thermally controlled growth
owing to a relaxation of diffusional equilibrium at the
solid-liquid interface. Therefore, the higher the under-
cooling and the thermal undercooling, the more conve-
nient for dissipating of the latent heat of dendrite tip in
the crystal growth. Once nucleus forms from the under-
cooled melt, dendrite will radially and rapidly grow into
the undercooled liquid. When the growth velocity be-
comes large enough to make k obviously deviate from
k0 (see Fig. 5a), the convergence of the growth velocity
dependent non-equilibrium liquidus and solidus [18] as
well as the decrease of C∗

L and �Tc (see Figs 5b and 4),
are bound to take place. This infers that the essential
prerequisite for dendrite ripening is not provided.

Furthermore, It was also shown in Ref [20], that the
dimensionless superheating of the central part of the
dendrites stems (i.e. the initially frozen solid) in the re-
calescence can be used to evaluate the dendrite remelt-
ing. Then,

�T̄ ′
S = TR − T ′

S

�T ′
0

(4)

where, �T̄ ′
S is the dimensionless superheating, TR the

highest recalescence temperature corresponding to�T ,
�T s′ the equilibrium solidus temperature with respect
to the composition C ′

S of the central part in the dendrite
stem, and �T ′

0 the equilibrium crystallization temper-
ature range of the alloy with C ′

S. It is known,

T ′
S = TL + m

(
C ′

S

k0
− C0

)
(5)

�T ′
0 = mC ′

S

(
1 − 1

k0

)
(6)

where TL is the equilibrium liquidus temperature of the
alloy with initial composition C0, and m the equilibrium
liquidus slope. From the steady diffusion solution at the
dendrite tip, C ′

S, the solid composition at the dendrite
tip can be expressed as:

C ′
S = kC0

1 − (1 − k)IV(Pc)
(7)

Employing the method described in Ref 21 according
to the laws of conservation of energy and mass, we can
calculate TR, provided that the solidification during the
recalescence occurs under the adiabatic condition and
that the specific heats of the solid and liquid are constant
and equal. Finally, the relationship between dimension-
less superheating �TS

′ and undercooling �T of DD3
superalloy is obtained and presented in Fig. 6. Obvi-
ously, with increasing undercooling, �TS

′ first rises up
to its maximum and then descends. The dimensionless
superheatings in the rapid recalescence of the samples
undercooled by �T4–�T5 (see Fig. 6) is located in the
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Figure 6 Dimensionless superheating of DD3 single crystal superalloy
vs. initial undercooling.

low temperature range, i.e. the essential thermal pre-
requisite for dendrite ripening is not guaranteed in this
undercooling range. Therefore, compared with that un-
dercooled by �T2–�T3, the fraction of dendrite remelt-
ing in recalescence is relatively low, which results in the
formation of directional solidified structure, as shown
in Fig. 2d.

4.1.3. Mechanism of the grain refinements
A new analytic model that describes solidification of
equiaxed dendrites was presented by L. Nastac, and was
used to simulate the solidification of INCONEL 718 su-
peralloy casting [22]. The predications generated with
this model are shown to agree very well with experi-
ments. Meanwhile, various models have been proposed
to predict equiaxed grain density [23], diffusional pro-
cess [24], and phase formation [25] in the superalloy
melt. Nevertheless, these models are all based on the
same assumption: small undercooling and low growth
velocity, which is not favor of the investigation in grain
refinements here. In present paper, however, different
physical origin plays a dominant role in grain refine-
ments with the rising of undercooling. At the undercool-
ing range of �T2–�T3, dendrite growth is dominantly
controlled by the solutal diffusion, so C∗

L and �Tc in-
crease obviously with increasing undercooling, which
is in agreement with the results of BCT model calcula-
tion shown in Figs 4 and 5. Moreover, it is found that all
of the maximum dimensionless superheating (Fig. 6)
are located in this undercooling range, which pro-
vides remaining liquid a relatively higher temperature
and longer solidification time during post-recalescence.
Therefore, combined with the results obtained from
Figs 2c and 3a, it can be concluded that the dendrites
solidified in the undercooling range of �T2–�T3 have
the maximum tendency to be remelted and ripened in
recalescence and subsequent post-recalescence, respec-
tively. The first refinement is therefore attributed to the
dendrite break-up or ripening owing to remelting.

When the undercooling is beyond�T5, contrarily, the
dimensionless superheating of the dendrite decreases to
the lower temperature range (Fig. 6), consequently, the
remelting is not severe enough to make the dendrite
disintegrate into fine granule. The grain refinement at
high undercooling must be induced by other factors
rather than remelting. A physical mechanism has been

proposed, that the break-up of dendrites under the ac-
tion of remelting causes the grain refinement at the
critical undercoolings, and it occurs when the thermal
plateau time during solidification tpl exceeds the time
for break-up by Rayleigh instability tbu [26]. However,
this model uniquely considers the break-up driven by
the liquid/solid interface tension, ignoring the action of
high stress produced in the rapid solidification, whereas
the latter may play a more important role in the den-
drite break-up. In connection with the microstructure
shown in Figs 2, 3, the average grain diameter is not
comparable with the side-branch spacing, yet is several
times larger than the spacing. The grain boundaries,
which evolve from curve-line to straight-line and in-
tersect each other to form annealing hexagons (Fig. 3b
and c), become much narrower than that originates from
the solidification segregation in the lower undercooling
range (Fig. 3b). Fig. 3c also shows that dendrite sub-
structure appears in this kind of grain. Therefore, we
suggest that the grain refinement at the critical under-
cooling should result from the recrystallization process
as argued by Powell et al. [27, 38], which appears to
occur during, or immediately after, solidification, while
the solid metal is very close to the melting point. The
occurrence of recrystallization requires a driving force,
which is provided, under normal condition, by prior
plastic deformation. In the present case, however, it is
the high stresses produced during the extremely rapid
solidification process, but not any external agency, that
result in the dendrite distortion and fragment or plastic
deformation, and finally, recrystallization as well.

If the dendrite growth is too great to permit com-
plete diffusion of solute out of the melt in contact with
the advancing tip, effective solute trapping may occur
in the solid [18]. As a result of high-velocity growth
after large undercooling (beyond �T ∗), a high energy
content of the first-formed structure also can be ex-
pected to be built in, in the form of a high population
of crystalline defects, such as dislocations and grain
boundaries (Fig. 7). The higher the undercooling, the
more the defects. Also, it should be noted that the cen-
ter of mass of an undercooled melt should undergo
a substantial acceleration during freezing due to the
rapid change from liquid to solid density at the very
high freezing rates involved [28]. Therefore, the first-
formed dendrite would be subject to fracture, disin-
tegration owing to high stress arising from this kind
of rapid heterogeneous shrinkage process, which re-
sults in the recrystallization structure shown in Figs 2e
and 3c.

4.2. Relationship between undercooling
and cooling conditions in gas
atomization and melt spinning

In order to obtain a better understanding of the heat
flow and solidification behavior of convectively cooled
droplet, cooling conditions in melt-atomization were
studied using the solidification time, ts, as the determin-
ing parameter. For this purpose, ts was evaluated in two
ways [2]. Firstly, a simple estimation of ts was made
from the quenching rates, T ∗, using the relationship
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T ABL E I I I Calculated and measured ts, cooling rate and corresponding degree of undercooling vs. various particles size in atomization and melt
spinning

Particle Cooling rate ts (measured) ts (calculated) Undercooling
diameter (µm) T ∗ (K sec−1) (µsec) (µsec) (K)

400 9 × 102 7.78 × 104 7.78 × 104 0
200 3.4 × 103 2.06 × 104 2.06 × 104 0
100 1.4 × 104 5 × 103 5 × 103 0

50 5 × 104 1400 1600 53
20 2.8 × 105 250 400 158
10 1.1 × 106 63.6 130 207

Melt spun ribbon >107 <10 <15 >450

Figure 7 Formation of dislocation tangle (a), dislocation deformation
cell (b), and sub-boundary constructed by dislocation (c) in the as-
solidified undercooled superalloy (TEM): (a) �T = 170 K, (b), (c)
�T = 210 K.

ts = �T/T ∗, where �T is the freezing range of the
alloy [29]. Secondly, ts was calculated by using a sim-
ple relationship valid in the case of Newtonian cooling
regime. The assumption of Newtonian cooling is sup-
ported by the fact that, in the case of convectively cooled
droplets ranging from 100 to 400 µm, the Biot number
remains below 0.1 [30]. Under these conditions, the
solidification time can be simply derived as follows:

ts = (RρH�T )

[3h(T − T0)]
(8)

where, R is the radius of the droplet, T0 the tempera-
ture of the atomizing gas, H the heat of fusion, ρ the
density of the alloy, and h the heat transfer coefficient.
In order to facilitate the discussion below, the cooling
rate, the calculated ts, measured ts and the correspond-
ing undercooling versus different particle size during
gas-atomization and melt spinning, are reproduced in
Table III from Ref. 4. It is found that, the calculated ts,
for particles larger than 100 µm diameter, is equal to
the measured ones, which indicate that Equation 8 is
suitable for the calculation of ts in this particle range,
i.e., in this cooling rate range. For particle size smaller
than 100 µm, however, the measured ts is much smaller
than the calculated ones, which clarifies that the high
quench rates achieved in finer particles can not be ex-
plained by the same way as that in particles larger than
100 µm diameter. This phenomenon suggests that con-
vective radiative cooling alone could not explain the
high solidification rate achieved in the finer particles
(<100 µm). The sole phenomena that can account for
measured solidification times smaller than the calcu-
lated ones must be undercooling of the melt.

Solidification time is directly proportional to the la-
tent heat of fusion (H ). If a droplet is undercooled
from the melting point (Tm) to the nucleation tempera-
ture (Tn), the amount of heat to remove by convective
cooling to complete solidification will be reduced to
H − Cp(Tm − Tn), where Cp is the mean specific heat
of the solid and liquid. Similarly, the solidification time
of an undercooled droplet is therefore reduced by a
factor

R = 1 − CP/H (Tm − Tn) (9)

So we can concluded that, (a) quench rates ranging
from 102 to 104 K sec−1 in powder particles of 400 to
100 µm diameter could be achieved by cooling alone,
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respectively. (b) It is from a high undercooling that high
quenching rates experienced by the smaller particles
essentially result, typically 200 K for 10 µm diameter
particles. Also, the entire melt-spun ribbon, as shown
in Table III, is cast at quench-rates exceeding that in
atomization, indicating that undercooling plays a more
important role in melt-spinning than in atomization.

4.3. Comparison of microstructures
and solidification behavior
in rapidly-quenched and bulk
undercooled superalloy

In present work, different microstructures, as analyzed
above, are formed according to various undercooling
obtained, and can be concluded as follows. When
�T <�T3, the refined equiaxed structure, attributed
to the dendrite break up or ripening owing to remelt-
ing, corresponds to that in the gas-atomized particles
with diameter above 100 µm and that in the top sur-
face of melt-spun ribbon. When �T4 < �T < �T5, the
fine dendritic structure caused by heterogeneous nu-
cleation in highly undercooled melt, is equivalent to
that achieved in atomization product (less than 50 µm
diameter) and that achieved across the major part of
the ribbon thickness. When undercooling is beyond the
critical value (�T ∗ = 180 K), quasi-spherical crystal
is formed as a result of the second grain refinement,
which stands for the occurrence of massive transforma-
tion. This phenomenon is also proved by the appear-
ance of microcrystalline in atomization particles less
than 20 µm diameter. However, the featureless struc-
ture in the microsegregation-free chill zone achieved in
melt-spun ribbons can not be obtained here. Since the
minimum undercooling required to complete solidifi-
cation without segregation can be easily estimated as
suggested by Mehrabian [29],

CP[(TL − Tn) + (Ts − TL)] ≥ H (10)

where, TL is the liquidus temperature, Ts the solidius
temperature, Tn the nucleation temperature. Therefore,
the undercooling (Tm − Tn), according to Equation 9,
must exceed 450 K in Nickel-base superalloys. In fact,
the quench rates attained in atomization powders, even
in the ultrafine size range, are not sufficient to achieve
the high degree of undercooling required for complete
massive transformation. Melt spinning is supposed to
achieve degree of undercooling so far not available
by any bulk undercooling experiment. As a result, the
above consideration clearly demonstrates that the de-
gree of undercooling required to produce fully micro-
crystalline i.e., the complete massive transformation,
can not be attained by gas-atomization and bulk under-
cooled rapid solidification.

Compared with that occurring in the bulk under-
cooled solidification, however, grain refinements in
rapid quenching have different sources. In bulk under-
cooled solidification, recalescence plays an important
role in controlling the as-solidified structure. The total
amount of enthalpy in the crystallization process and
the heat capacity of the system set an upper limit to

the temperature of sample during recalescence. The
temperature is, of course, a crucial parameter for the
action of secondary process such as structural transfor-
mation, compositional partitioning, coarsening or even
remelting, and such has an important influence on the
morphology of the final product [31]. The first grain re-
finement result from the dendrite break-up or ripening
owing to remelting in recalescence. The second refine-
ment is attributed to the stress that originates from the
extremely rapid solidification process, which result in
the dendrite distortion, disintegration and recrystalliza-
tion during post-recalescence. The undercooled solidi-
fication is essentially adiabatic during rapid recales-
cence. This is confirmed by estimate of the ratio of the
dimensionless kinetic coefficient to the Biot number
[32]. This ratio, which is a measure of the predominance
of the recalescence rate over the rate of heat loss to the
environment, is calculated to range from 103 to 105. In
rapid quenching process with cooling rate above 104 K
sec−1, however, this ratio is much less than that in bulk
undercooled solidification, which indicates that the so-
called recalescence in rapid quenching is not obvi-
ous, and can not influence the as-solidified structure
effectively.

During the atomization process [2], droplets of dif-
ferent diameters experience varying cooling rates and
require various time to complete solidification process,
i.e. the larger the diameter is, the longer the predendrites
stays in solid/liquid mesh zone. Thus, the equiaxed
structure can be interpreted as the consequence of nu-
cleation on fragments of predendrites. These fragments
of predendrites may result from partial dissolution of
predendrites in a way similar to that produced by a
processing technique known as stir-casting in which
semi-solid material containing predendrites is highly
sheared during cooling through the melting-range [2].
It should be called dynamic refinement. The dendritic
structure results from heterogeneous nucleation occur-
ring in highly undercooled droplets. The microcrys-
talline structure is formed by a massive transformation
resulting from homogeneous nucleation at a high de-
gree of undercooling. But it was not possible to detect
fully microcrystalline particles in atomization powders
as a result of the insufficient undercooling before nu-
cleation. A detailed investigation of the microstructure
of melt-spun superalloy ribbons revealed that the cool-
ing rate achieved in the immediate vicinity of the chill
substrate was much higher than that achieved in at-
omization powders. Consequently, liquid alloy in the
immediate vicinity of the chill can achieve a very high
undercooling, and then, solidify fast enough to obtain a
fairly featureless chill zone i.e., microcrystalline struc-
ture. The transition from a dendritic to a microcrys-
talline structure in melt-spun ribbons can be related to
the corresponding transition in bulk undercooled sam-
ple at the critical undercooling.

In both bulk undercooled solidification and rapid
quenching process, however, thermal gradient is a deci-
sive factor in controlling the as-solidified structure. As
illustrated in rapid quenching with cooling rate above
104 K sec−1 (Table III), the non-Newtonian cooling is
a predominant process that controls the melt solidifi-
cation. The heat transport from the molten layer to the
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solid part is the main controlling mechanism. The tem-
perature gradient across the molten layer is the char-
acteristic parameter of the solidification process. The
temperature gradient induces a non-equilibrium state
and the decreasing of it leads to the crystallization.
Similarly, it is the thermal diffusion controlled by ther-
mal gradient, in bulk undercooled solidification, that
becomes more and more effective and determines the
final structure and morphology.

5. Conclusion
The aim of this paper is to compare microstructure of
rapid quenched (gas-atomized and melt-spun) superl-
loy with slowly bulk undercooled samples in order to
estimate the lever of melt undercooling in the rapid
quenched products prior to crystallization as well as
the relationship between cooling rate and undercooling
achieved.

1. Comparing the microstructure of gas-atomized
particles (e.g., the microstructure of samples with dia-
meter less than 20 µm, 50 µm and above 100 µm,
respectively) with that of bulk undercooled sam-
ples (e.g., samples undercooled by �T > 180 K,
78 K < �T < 150 K, and �T < 70 K, respectively)
reveals a surprising similarity, thus indicating similar
condition during the solidification processes.

2. Complete massive transformation, which occurs
in the immediate vicinity of the chill zone, can not
take place in gas-atomization and bulk undercooled
solidification, because of the insufficient undercooling
achieved before nucleation.

3. Recalescence, which plays an important role in
grain refinement in bulk undercooled solidification,
are not effective any more in rapid quenching. Conse-
quently, grain refinements occurring in rapid quenching
are attributed to different source from that in bulk under-
cooled solidification.

4. It is the effect of thermal gradient that predom-
inantly controls the crystallization, recalescence and
solidification in both rapid quenching and bulk under-
cooled solidification.
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